Whereas low-carbon (<0.2 mass pct) martensitic grades can be produced easily in continuous annealing processing lines equipped with the required cooling capacity, the thermal cycles in continuous galvanizing lines make it difficult to produce hot-dip Zn or Zn-alloy coated highstrength martensitic grades. This is because of the tempering processes occurring during dipping of the strip in the liquid Zn bath and, in the case of galvannealed sheet steel, the short thermal treatment required to achieve the alloying between the Zn and the steel. These short additional thermal treatments last less than 30 seconds but severely degrade the mechanical properties. Using a combination of internal friction, X-ray diffraction, and transmission electron microscopy, it is shown that the ultrafine-grained lath microstructure allows for a rapid dislocation recovery and carbide formation during the galvanizing processes. In addition, the effective dislocation pinning occurring during the galvannealing process results in strain localization and the suppression of strain hardening.
I. INTRODUCTION

ULTRAHIGH-STRENGTH steel (UHSS) develop-
ments for automotive applications focus on achieving tensile strengths in the range of 1.0 to 1.5 GPa. The main application area for the cold-rolled UHSS are structural anti-intrusion parts, such as B-pillars and cross members. Martensitic cold-rolled sheet steel is currently being considered as a prime candidate material for these applications, as the required strength level can be obtained easily in continuous annealing processing lines equipped with cooling sections in which high quenching rates can be achieved. Hence, no complex alloying additions are required in the case of thin coldrolled UHSS strip.
A guaranteed long-term corrosion resistance, both in terms of cosmetic and perforation corrosion, is a stringent requirement for automotive sheet steel. Corrosion-resistant martensitic sheet steel is normally Zn coated by continuous electrodeposition. The processing of martensitic grades in continuous galvanizing lines where the Zn coating is applied by hot dipping the strip in liquid Zn is avoided for numerous reasons. The three most important reasons are the following: (1) the need for an adequate postsoaking cooling capacity to achieve martensitic microstructures in steels containing few or no hardenability-enhancing alloying additions, (2) the difficulty to cool the strip through the entire Ms-Mf temperature range as the strip temperature must be kept at a temperature slightly above that of the liquid Zn bath temperature, and (3) the need for appropriate line equipment to process ultrahigh-strength martensitic grades. Galvannealing requires a short (20 to 30 seconds) additional heating in the 753 K to 793 K (480°C to 520°C) temperature range. Some continuous galvanizing lines are equipped with a long 743 K (470°C) overaging section needed to process low carbon grades, making it impossible to quench the strip directly to a temperature below the Ms temperature.
In the current contribution, a detailed review is carried out of properties-microstructure relationships at different stages of the processing of martensitic steel in a continuous galvanizing line, as well as the physical metallurgical phenomena that result in the rapid loss of strength. In addition, the requirements for martensite steel suitable for processing in a wide variety of galvanizing line designs are formulated. In the companion paper to this contribution (part 2), it is shown that steel designed according to these principles can be processed successfully in galvanizing lines not intended originally to produce UHSS martensitic grades.
II. EXPERIMENTAL PROCEDURES
The chemical composition of the investigated steel in this study is listed in Table I . The material was prepared in a vacuum-induction furnace. Cast blocks with a thickness of 25 mm were homogenized at 1523 K (1250°C) for 1 hour, hot rolled to 3mm in thickness, and then coiled at 873 K (600°C). The hot-rolled plate was cold rolled to 1 mm in thickness with the reduction ratio of 0.67.
To study the effects of the hot dip galvanizing (HDG) process on the microstructure evolution and the resulting changes in mechanical properties, four process stages were simulated by means of the simplified thermal cycle illustrated in Figure 1 . The simulations were carried out using molten salt baths and oil baths. Cold-rolled steel sheets were machined according to ASTM E-8 standard, austenitized in molten salt at 1143 K (870°C), i.e., above the A e3 temperature, for 1 minute, and water quenched to room temperature. These samples are referred to as ''as quenched.'' The effect of a low-temperature tempering was investigated by maintaining specimens at 423 K (150°C) for 2 minutes after water quenching. These samples are referred to as low-temperature tempered (LTT). After low-temperature tempering simulating the overaging hold, the specimens were dipped in molten salt at 733 K (460°C) for 10 seconds to simulate the HDG process and then water quenched. The galvannealing simulation was done by a simulation of the hot-dipping process consisting of maintaining the specimen at 733 K (460°C) for 10 seconds, directly followed by the annealing simulation, which consisted of dipping the specimen into molten salt at 773 K (500°C) for 20 seconds. The hot dip galvanized and galvannealed samples are referred to as ''GI'' and ''GA,'' respectively.
Uniaxial tensile tests were performed with a strain rate of 10 À3 s À1 at room temperature in a universal tensile testing machine with the tensile direction parallel to rolling direction. An infrared camera system, placed in front of the tensile specimen, was used to record highresolution infrared thermographs during the tensile tests.
For microstructure analysis and internal friction measurements, cold-rolled sheets with dimension of 160 mm 9 160 mm were used for thermal cycles.
X-ray diffraction (XRD) was applied to identify the phases contained in the microstructure and to evaluate the microstructural changes during the galvanizing process simulation. Co Ka radiation (0.1789 nm) was used in a diffractometer using an operation voltage of 40 kV and a current density of 40 mA. The angular scan ranged from 40 deg to 105 deg, and the scan step size was 0.02 deg.
Microstructural changes were evaluated by fitting the peak profile data to the modified Williamson-Hall equation. Although many factors may affect the peak broadening, there are two sources of peak broadening in the current case. The first one is caused by the lattice imperfection and the second is caused by the crystal size. If the microstrain from the presence of dislocations is the major contributor to lattice imperfection, then the peak broadening can be related to the crystal size and strain by means of the Williamson-Hall equation. [1] As the residual strain is anisotropic in body-centered cubic (bcc) Fe, the modified Williamson-Hall equation (Eq. [1] ), proposed by Unga´r, [2] was used in the this study.
where h B is a Bragg angle, 2Dh is the Full width at half maximum of the peak in radians, k is the X-ray wavelength, D u is the effective grain size for peak broadening, q is the dislocation density, and b is the magnitude of Burgers vector, i.e., 0.249 nm in ferrite. A is a constant that can be taken as 10 for a wide range of dislocation distribution and C is an averaged dislocation contrast factor. The dislocation contrast factors that apply in this study are 0.061, 0.285, and 0.118 for (110) a , (200) a , and (211) a , respectively. [3] Internal friction (IF) measurements were performed in the free flexural vibration mode at the resonant frequency. [4] The dimension of specimens for IF measurements was 80 mm in length and 25 mm in width. The specimens were suspended between two thin thermocouples and were excited to oscillate at their resonant frequency by means of an impulse excitation. The specimen vibration amplitude was detected by a laser vibrometer. The specimens were heated from 173 K to 773 K (À100°C to 500°C) by infrared radiation at a heating rate of 3 K/s. IF spectra were obtained for specimens in the as-quenched, LTT, GI and GA condition.
Microstructure observations were carried out on specimens obtained in the four processing stages. Scanning electron microscopy (SEM) specimens were etched in a 1 pct Nital solution and microstructures were observed in a Zeiss Ultra 55 Field Emission (FE) SEM operated at an acceleration voltage of 10 kV. Thin foils for transmission electron microscopy (TEM) were prepared by chemical polishing in a solution of 5 pct HF + 95 pct H 2 O 2 to a thickness of 80 lm followed by a twin-jet electropolishing at 50 V in a solution of 5 pct HClO 4 + 95 pct CH 3 COOH at room temperature. To minimize the effect of the strong magnetism from the foil specimen on the image quality, the TEM specimens were prepared also by focused ion beam (FIB) thinning for high-resolution TEM observations. No essential differences were found between in the specimens prepared by jet polishing and by FIB. The TEM specimens were observed in a JEOL 2010F FE-TEM (JEOL Ltd., Tokyo, Japan) operated at 200 kV.
III. RESULTS
A. Tensile Testing
Figure 2(a) compares the engineering stress-strain curves for specimens in the as-quenched, LTT, GI, and GA condition. True stress-true strain and strain-hardening curves as a function of the true strain are shown in Figures 2(b) and (c), respectively. The changes in ultimate tensile strength (UTS), 0.2 pct proof yield strength (YS), and elastic limit of the specimens with increasing tempering parameter P, which was initially proposed by Hollomon and Jaffe, [5] are presented in Figure 2 (d).
where T is the temperature in K, t is the time in seconds, and C is a constant given by C ¼ 17:7 À 5:8 wt pct C ½3
The elastic limit was determined as a critical stress where the stress-strain curve starts to deviate from the straight line that was constructed by the Young's modulus. The Young's modulus of the specimens was measured at room temperature by measuring the resonant frequency in the free flexural mode of vibration. The mechanical properties are listed in Table II. The mechanical properties of the as-quenched martensite show the typical tensile deformation behavior for fresh martensite, i.e., a high tensile strength combined with a small elongation and a continuous flow curve. In the LTT condition, no significant change in tensile deformation behavior was observed compared to the as-quenched condition. In the GI condition, i.e., after tempering at 733 K (460°C) for 10 seconds, the tensile deformation behavior changed drastically. The flow curve became discontinuous with a clear transition from elastic to plastic deformation. In the early stage of plastic deformation, isolated Lu¨ders bands inclined 60 deg to the tensile axis propagating along the specimen were observed by infrared thermography, as shown in Figure 3 . After the band propagation terminated, the deformation became homogeneous. The strain-hardening rate was, however, much lower than for the as-quenched martensite, as can be observed in Figure 3 (c). The additional heating related to the galvannealing process led to a decrease in the elastic limit, a larger Lu¨ders elongation, and a negligible strain hardening.
These large changes of the mechanical properties, related to the tempering processes occurring during galvanizing and galvannealing, illustrate clearly the challenge of producing ultrahigh-strength martensitic grades in a conventional continuous galvanizing line.
B. Fracture Surface
The loss of strength and the limited elongation of specimens in the GI and GA condition may be related to the well-known temper embrittlement (TE) phenomenon. The embrittlement of tempered martensite usually is categorized into two phenomena depending on the mechanism causing the loss of toughness. Quenched martensite tempered in the vicinity of 773 K (500°C) has significantly lower impact toughness. This TE or 773 K (500°C) embrittlement phenomenon is related to the segregation of impurity elements, such as P and S, to prior austenite grain boundary during tempering. [6, 7] TE is characterized by intergranular fracture surfaces because impurity atoms reduce the cohesive strength of prior austenite grain boundaries. The mechanism of tempered martensite embrittlement (TME), which occurs at approximately 623 K (350°C), is more complex. Several explanations have been put forward to clarify the mechanism of TME. Interlath cementite formed by the decomposition of interlath-retained austenite is considered to be the main controlling factor for TME by acting as a crack nucleation site [8] or by acting as an obstacle for slip across lath boundaries resulting in an intense localized cross slip within the lath. [7] TME has also been attributed to a change in deformation mode caused by tempering as well as the carbide distribution in the microstructure. [9] [10] [11] The characteristic feature of TME is a transgranular fracture mode. Figure 4 shows SEM images of fracture surface of specimens in the as-quenched, LTT, GI, and GA condition after the tensile test. The fracture surfaces show a dimpled structure for all cases. The fracture occurred in a ductile manner by the mechanism of microvoid nucleation, growth, and coalescence. [12] The micrographs of the fracture surfaces show that the short-time tempering during GI and GA process simulation did not change the fracture mode considerably, except for a clear increase in the number of clusters of microvoids that are indicated by the arrows in Figure 4 . Furthermore, it should also be noticed that even though the carbon concentration and the tempering temperatures were within the range for TE, [13] the fracture modes shown in Figures 4(c) and (d) show clearly that the decrease in tensile strength after the GI and GA process is not related to TE. It might still, however, be related to TME, in particular because the high density of microviod clusters suggests the presence of a higher density of interface decohesion sites. Figure 5 shows SEM micrographs for the specimens in the as-quenched ( Figure 5 conditions. The micrograph of the as-quenched specimen shows the typical lath martensite microstructure with groups of parallel laths within packets. The average packet size was estimated to be 4.8 lm. After LTT, no significant changes were detected in the microstructure. The tempering caused by the GI process resulted in the precipitation of carbides at lath boundaries and within laths ( Figure 5 (c)), even though the tempering time was short, 10 seconds, and the heating rate to 733 K (460°C) was fast during the process simulation. The carbides are needle shaped and aligned in three directions both in the laths and in the lath boundaries. After the GA cycle simulation, the number of carbides precipitated in the matrix increased. This is a clear indication that the nucleation and growth of the carbides was not completed during the GI cycle. In addition, the morphology of the carbides at lath boundaries became more planar and elongated along the boundaries. Figure 6 (a) represents the XRD peak profiles associated with (211) a planes for specimens in the four processing conditions. The as-quenched specimen shows a broad peak profile. After the LTT at 423 K (150°C) for 2 minutes, no significant change in the peak shape was detected. The XRD peak, however, clearly was narrower after the GI process simulation, revealing microstructural changes during tempering at 733 K (460°C) for 10 seconds during the GI process. The GA process simulation resulted in another decrease of the XRD peak width. Figure 6 (b) shows the result of the XRD peak profile analysis by means of the modified Williamson-Hall method. The graphs show excellent fitting results using the selected dislocation contrast factors. The slope of the aligned data points is directly proportional to the dislocation density, and the y-axis intercept is inversely proportional to effective grain size. As shown in Figure 6 (b), the slope and y-intercept decreased after the GI process simulation, and this trend continued after the GA process simulation. Figure 6 (c) presents quantitative results for the dislocation density and the effective grain size as a function of the tempering parameter P. The dislocation density of the as-quenched martensite was found to be 6. shows that effective grain size increased during the GI and GA processes.
C. Microstructural Analysis
SEM micrographs
XRD results
TEM micrographs
A TEM microstructural analysis also shows that the microstructure of the as-quenched specimen included mainly dislocated lath martensite with small amounts of interlath retained austenite (Figures 7(a) and (b)). Note that no interlath austenite was detected by X-ray diffraction. Figure 7 (c) shows a selected area diffraction (SAD) pattern taken from the lath boundary indicated by a white circle in Figure 7 (b). It was indexed assuming that there was a Kurdjumov-Sachs (K-S) orientation relationship (OR) between austenite and martensite. Even though an SAD pattern for martensite and retained austenite was acquired, it was difficult to determine their exact OR because of the inaccuracy of orientation analysis by SAD. Furthermore, interlathretained austenite is known to be strained severely by the martensitic transformation. [14] This result in a deviation from the exact OR between martensite and prior austenite, when their OR is measured from martensite and interlath retained austenite. ORs, however, were not a main interest in this study, and the OR between martensite and austenite was, therefore, assumed to be K-S.
The common packet structure of as-quenched specimen is shown in Figure 8 The boundary line contains the ð1 " 11Þ pole, which is the longitudinal direction of both laths 1 and 2. [15] In this orientation condition, the lath boundary is observed clearly edge-on. Among the 24 variants satisfying the K-S orientation relationship, 6 variants have parallel {110} planes and they form the lath or block. [16] [17] [18] [19] [20] Each block consists of two groups of laths with a misorientation of approximately 10 deg. These groups of laths within a block are referred to as a sub-block. [16, 17] After taking into account the inaccuracy in orientation analysis by SAD, it is clear that the two laths are two variants with a small misorientation within a sub-block. [16] The two variants have a misorientation corresponding to a rotation of 10.53 deg around the [011] a axis and the lath boundary is a {110} a twist boundary. A schematic of the orientation relationship between lath 1 and lath 2 is shown in Figure 8 (g).
Two beam conditions for the same g-vector were set for the two laths to examine the dislocation structure in the lath and sub-block boundary. Figure 8(h) shows a magnified view of the circled region 3 in Figure 8 (b). The dislocations in the as-quenched martensite are not perfectly parallel to their Burgers vectors, which are indicated by white arrows. This implies that the dislocations in quenched martensite are mainly screw type, but that nonscrew segments are present also.
In addition, it should be noted that no interlathretained austenite was detected in the region of Figure 8 (a). The absence of retained austenite was confirmed by high-resolution imaging of several boundaries where clear boundary structures were observed with severe distortion near boundary.
Figures 9 through 11 show TEM micrographs of the microstructure after the GA cycle simulation. The original lath structure was still visible clearly after the GA cycle simulation. No evidence of recrystallization was observed.
A characteristic feature of the effect of GA cycle simulation is the presence of carbides precipitated in laths and at lath boundaries. The carbides in Figures 9 and 10 were identified as cementite by SAD analysis. A comparison between the calculated and measured interplanar spacing of the carbides is listed in Table III to support this identification.
Intralath cementite in the laths has been reported to precipitate parallel to {1 1 0} a planes and having a direction of fast growth parallel to the h1 1 1i a directions. [22] This leads to the specific arrangement of the cementite particles in the laths as indicated by the white arrows in Figure 9 (b). The SAD pattern in Figure 9 (c) shows that intralath cementite particles have a Bagaryatskii orientation relationship [23, 24] with respect to the matrix ferrite with different variants. The size of the intralath cementite is not homogeneous, and typically it is smaller than that of the interlath cementite. The OR between the interlath cementite and the ferrite matrix shows small deviations from both the Bagaryatskii and Isaichev orientation relationship. [23] [24] [25] This is also illustrated in Figure 9 (d).
The dislocation structure and interlath carbide are presented in Figure 10 . Figures 10(a) and (c) show bright-field images for the same area taken with different g-vectors in two beam conditions. Three sets of straight parallel dislocations arrays were observed. Because the dislocation lines were parallel to their Burgers vectors, they could be identified as pure screw dislocations. Three sets of carbide particle orientations are also visible in the figures. The needle-shaped carbides are aligned in parallel to the straight dislocation segments. Figure 10(b) shows the dark-field image for one of the three groups of parallel carbides in Figure 10 (a). The typical size of needle-shaped carbides is 200 nm in length and 20 nm in width. Figure 11 (a) confirms that the dislocation structure after the GA cycle simulation consists mainly of straight screw dislocation. In addition to the coarse interlath cementite particles in Figure 9 , fine carbides with an irregular morphology were observed at the lath boundaries as indicated in the boxed area in Figure 11 measuring the interplanar distance, this carbide could also be identified as cementite with an orientation relationship with ferrite identical to that of Figure 9 (d). Figure 11 (e) shows the area close to that of Figure 11 (a), and Figure 11 (f) is a magnified view of the boxed area in Figure 11 (e). In Figure 11 (f), finely dispersed, irregular-shaped intralath carbides formed on dislocations can be observed. The size of these carbides is not uniform, ranging from 15 nm to 60 nm in length. In this region, the dislocations did not form an array of straight dislocations but had retained the wavy configuration observed in the as-quenched condition. Figure 12 (a) illustrates the analysis of the internal friction spectrum of an as-quenched specimen. The spectrum seems to consist of four Debye peaks and an exponential background in Figure 12(a) . Because the position of a relaxation peak is dependent on the frequency of vibration, the exact relaxation mechanism related to an IF peak is identified on the basis of the following Arrhenius type equation, which contains the characteristic parameters of the relaxation mechanism [26] ln 1
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where H act is activation enthalpy of the relaxation mechanism, k is the Boltzmann constant, T peak is the temperature of the maximum amplitude of the peak in K, x is a frequency, and s o is the limit relaxation time, which is an inverse of an attempt frequency m o . Table IV lists some reported values of the activation enthalpy and the limit relaxation time in Fe-C, Fe-H, and alloyed steels. The table includes data for deformed steel and martensitic grades, which contain both the high density of dislocation and a high interstitial solute concentration as in the case of as-quenched ferrous martensites. The parameters in Table IV were obtained by the peak shift method, where the vibration frequency is changed. This method yields reliable relaxation parameter values. The Arrhenius plots, constructed from the parameters in Table IV , are shown in Figure 12 (c) together with the data for the four peaks obtained for the specimens in the as-quenched condition. Except for peak P4, the peaks P2, P3, and P5 are positioned in such a way that the relaxation mechanism of the each peak can be identified. Peak P5 was identified as a Snoek-Ko¨ster relaxation peak. Seeger [38] attributed this peak to the formation of kink pairs on screw dislocations in the presence of a high local concentration of interstitial atoms. The origin of peak P4 is not understood clearly and, this peak appears only when the whole spectrum is decomposed into several Debye peaks. Peak P4 is not considered to be a relaxation peak because the position of the data points in a graph of ln(1/x) vs 1/T peak is not located on a reported Arrhenius plot. It is currently considered to be a numerical peak needed to fit the internal friction spectrum of ferrous martensite with physically meaningful fitting parameters. It has also been reported that the peak temperature of P4 is not well defined when variable frequency IF experiments are carried out. This has been put forward as a strong indication for the fact that P4 is not a relaxation peak. [39] Peak P3 is the dislocation-enhanced Snoek peak. [35] This peak is the normal Snoek peak. The amplitude of this peak has been reported to increase after cold working. The amplitude enhancement is related to the stress-induced movement of nonscrew dislocations in an atmosphere of interstitial carbon atoms. Peaks at temperatures close to that of peak P3 have also been reported for quenched high-carbon martensite by Bagramov et al. [26] and Hoyos et al. [40] They attributed the origin of this peak to carbide formation. Peak P2 is the result of the interaction between nonscrew-type dislocations and interstitial carbon atoms. Bagramov et al. [26] attributed this relaxation to the unppining of thermally activated nonscrew dislocation and the movement of mobile interstitial carbon atoms. More recently, Tkalcec [39] proposed the model of pipe diffusion of carbon atoms along preexisting kinks on screw dislocation. Figure 12 (b) represents the IF spectra of specimens after the four thermal cycles. The IF spectra of the specimen after LTT is similar to that of the as-quenched specimen, but the amplitude of peaks P2 and P3 is slightly reduced and the peak temperature is shifted to higher temperatures. Both peak P2 and peak P3, which are related to nonscrew dislocation segments, disappeared completely after the GI and GA thermal cycle simulation. The amplitude of peak P5 decreased after the GI cycle simulation and was reduced by the additional annealing at 773 K (500°C) for 10 seconds. The peak P5 was, however, still present, suggesting clearly that a high density of screw dislocation segments and associated solute carbon atoms remained present in the microstructure.
IV. DISCUSSION
A. Microstructure Evolution
The as-quenched microstructure is characterized by a substructure consisting of blocks, sub-blocks, and laths. The laths have a high dislocation density. In addition, thin films of retained austenite are present in the interlath region as can be observed in Figure 7 (b). The dislocation structure in the martensite laths consists of sets of screw dislocations formed by lattice invariant shear during the martensitic transformation and dislocation tangles inherited from austenite. [41] [42] [43] Internal friction data and TEM micrographs shows that the dislocations in as-quenched specimens are mainly screwtype dislocation. Kinks on screw dislocation and nonscrew segments are also present (Figure 8(h) ). Autotempered carbide precipitates, which have been observed frequently in quenched martensitic steels with high Ms temperature, [44, 45] were not detected in as-quenched specimens in the current work. It should not, however, be concluded that autotempering did not occur in this material because autotempering is not limited to carbide precipitation during cooling, but it might include phenomena taking place during the martensitic transformation because of the high mobility of the carbon atoms when the Ms temperature is high in the case of carbon steel. Speich [46] reported that 90 pct of carbon atoms segregated to dislocations and lath boundaries when the carbon content was less than 0.2 mass pct. A direct The interplanar spacing was calculated using the parameters of a = 4.5248Å , b = 5.0896Å and c = 6.7443Å . [21] observation of Cottrell atmospheres around dislocation and the segregation of carbon atoms to lath boundaries in quenched martensite conducted by means of threedimensional atom probe have provided a strong evidence for autotempering. [47] It was also reported that substantial amounts of carbon were present in the interlath-retained austenite films in quenched martensite. [48] It is, therefore, likely that the as-quenched specimens are in the auto-tempered state, with carbon atoms segregated to dislocations and lath boundaries and the interlath austenite films stabilized both chemically, by a high carbon content, and mechanically, by accommodating transformation strain of martensite. Interlath retained austenite was not observed in all packets. This may be caused by the difficulties encountered to obtain the proper diffraction condition for the visualization of retained austenite. In some areas, the absence of retained austenite films was confirmed by a highresolution imaging technique. This heterogeneous distribution of retained austenite is likely the consequence of the martensite transformation stages. In the early stage of transformation, just below the Ms temperature, carbon atoms have enough time and mobility to diffuse into the remaining austenite, which results in the chemical austenite stabilization. In the late stage of transformation, above the Mf temperature, the suppression of the carbon diffusion prevents the chemical stabilization of the austenite still present at this stage. The results of the microstructure analysis, XRD, and IF data for the specimen after tempering at 423 K (150°C) for 2 minutes indicate that there is essentially no change in substructure, dislocation density, and defect configuration compared with the as-quenched condition. The shifts of peak temperature of peak P2 and peak P3 in the IF experiments can be explained by a more complete segregation of carbon atoms to dislocations during the LTT. The additional carbon segregation increased the stress required to free the dislocations from Cottrell atmosphere, and this resulted in a slightly higher temperature for the stress-induced dislocation movement.
The main microstructural changes that occur during the GI and GA process simulations are (1) carbide formation at lath boundaries and inside the laths as can be observed in Figures 9(b), 10(b) , and 11(f), and (2) an apparent pronounced decrease of the dislocation density. In addition to the quantitative information on dislocation density obtained from XRD experiments, the IF data provided essential details about the change in the dislocation configuration. After the GI process simulation, both the IF peaks P2 and P3, which are related to preexisting kinks on screw dislocations and nonscrew-type dislocation, respectively, were completely absent. This might be caused by the dislocation pinning by fine carbide precipitated on the dislocation, preventing dislocations from moving under the applied elastic stress during the internal friction measurements. Alternatively, dislocation elimination by recovery might cause the density of mobile dislocations to be reduced strongly. Because the elimination of dislocation lowers the total strain energy of the crystal, the dislocations tend to disappear when they have enough mobility to move under the influence of the interaction stresses between themselves. The mobility of nonscrew-type dislocations is much higher than that of screw dislocation in bcc a-Fe. The core structure modification is required for the formation of double kinks needed for their movement. [49, 50] Therefore, static recovery during tempering will occur preferentially by the elimination of the mobile kinks and the nonscrew-type dislocations. This will result in arrays of straight screw dislocations after tempering. Both situations were observed in TEM micrographs of the specimen in the GA condition. In the region where fine irregular intralath carbides were observed, the dislocation had retained a wavy configuration (Figure 11(f) ). Fine carbides formed on dislocation had effectively pinned the dislocation and hampered the recovery process. In contrast, in the region where coarse carbides were observed, arrays of straight screw dislocations were observed (Figure 10 ). The coarsening of carbides resulted clearly in an increase of the spacing between carbides and a reduction of their pinning effect. It is, therefore, suspected that after carbides coarsened to a certain critical size, kinks and nonscrew-type dislocations were less inhibited by carbides to move, which resulted in static recovery.
The additional heating during the GA process simulation resulted in another decrease of dislocation density. The IF data show clearly that the decrease in dislocation density is caused solely by the elimination of screw dislocations.
B. Mechanical Properties
The microstructures after the GI and GA process simulations are characterized by a pronounced heterogeneity.
The carbide size, morphology, distribution, dislocation density, and dislocation configuration vary strongly from one region to the other. This is partly because of the heterogeneous stress distribution in the quenched microstructure, rapid heating rate of thermal cycle simulation, and the short processing times. Heterogeneous microstructures make it difficult to model the deformation behavior, but qualitative explanations for the change in deformation behavior can be formulated nevertheless.
The flow curve of the as-quenched specimens is continuous with a low elastic limit and a high strainhardening rate. The absence of yield phenomena and low elastic limit are caused by the high density of initial mobile dislocations in the microstructure. [51] Preexisting kinks on screw dislocations and nonscrew dislocations have a low Peierls stress, [50] and hence, they can move easily at a relatively low stress level when the maximum resolve shear stress exceeds the stress needed to overcome the pinning force from the Cottrell atmosphere.
The flow curve of low temperature-tempered martensite is similar to that of the as-quenched martensite, except that the elastic limit is slightly higher. This behavior is caused by the additional carbon segregation to dislocations. The increased carbon concentration near dislocations increases the stress required for the unpinning of dislocations from the Cottrell atmospheres, which resulted in the initiation of microstrain at a higher stress level.
After the GI process simulation, the flow curve is discontinuous with a clear transition from elastic to plastic deformation. The elastic limit is increased drastically and several bands of localized strain were observed in the initial stage of plastic deformation. The Lu¨ders band propagation stage is a plastic instability resulting from the strain softening phenomena. [52] The Lu¨ders instability is caused by a combination of the Cottrell dislocation depinning, the abrupt dislocation multiplication, and the small stress dependence exponent of the dislocation velocity. [53] In certain areas of the GI and GA specimens, tempered for a short time, fine carbides are formed on dislocation, and their presence suppresses the static recovery effectively. In these regions, the dislocation pinning effect of precipitates plays an essential role in the yielding. In areas where long, straight screw dislocations are observed, the yielding may be initiated differently. The unique configuration of straight screw dislocations has been observed primarily in bcc metals deformed at low temperature. [54] The mobility of screw dislocation is controlled by their ability to generate double kinks on the dislocation line at a low temperature. [50] As the formation of kinks on screw dislocation is a thermally activated process, higher stresses are needed at a lower temperature. The initial dislocation structure of tempered martensite, characterized by straight screw dislocation resulting from static recovery, implies low dislocation mobility prior to deformation. When a certain stress level is reached, the modification of the core structure of the sessile screw dislocations allows for the formation of kinks and gives rise to an abrupt increase of screw dislocation mobility. As screw dislocations can cross slip easily, the cross-slipped segments can act easily as an internal dislocation source. This mechanism results in a sudden increase of the mobile dislocation density as many initially sessile dislocations become glissile. In the current case, the microstructures are heterogeneous, and it is therefore difficult to identify a single origin for the critical stress required for plastic flow. The stress required to free the dislocations from the fine carbide precipitates may determine the yield stress in one area, and the stress needed for the sessile to glissile transition of screw dislocation may determine the yield stress in another area. Undoubtedly, the yield stress of material corresponds to the lower of the two stresses.
The initiation of a Lu¨ders band is affected strongly by the stress distribution in the specimen. The stress state through a tensile specimen is not homogeneous but varies from region to region macroscopically because of geometrical effects, such as stress concentration effect at the grip part, or because of local microstructural variations. Before the highest local stress reaches the upper yield point, the specimen deforms uniformly in an elastic strain range. When the highest local stress reaches a critical value, this region will deform preferentially to a specific strain (Lu¨ders strain) and hardened to an extent that the plastic deformation is suppressed largely at the lower yield point, whereas the stress of other parts of the sample does not reach the upper yield point, and hence, these regions remain undeformed. The apparent upper yield stress of the stress-strain curve is calculated from the initial gage section at the moment when the local highest stress reaches the characteristic upper yield point of the material. It largely depends on the local stress concentration [55] and on the experimental conditions. [52] Once a Lu¨ders band is initiated, the stress remains constant at the lower yield stress value, which is the stress required to balance the stress required to suppress additional strain of locally deformed region and by the stress to strain the specimen by the propagation of the band front. For the propagation of the band front, rather than the initiation of new band, the undeformed region just near the band front should be deformed preferentially by the presence of the band front at given applied force. Hahn [53] explained the propagation of band front by a locally smaller value of the upper yield point in the region just near the band front because of an increased dislocation density injected from the deformed region. Alternatively, it is also possible that the thickness strain profile of the band front results in a stress concentration in the undeformed region in the vicinity of the band front. Therefore, the combined effect of the local small upper yield point caused by the increased dislocation density and the local stress concentration caused by geometrical effects makes the region near the band front the most favorable site for subsequent deformation and the propagation of localized strain at a constant force. After the band front has traveled the length of the gauge section, the material strain hardens uniformly.
Although the GI specimen has a higher yield stress and a short Lu¨ders strain, the GA specimen had a lower plateau stress and a larger Lu¨ders strain. This behavior does not agree with the reported linear relationship between the plateau stress and Lu¨ders strain, [56] which indicates that a higher yield stress is always associated with a longer Lu¨ders strain. It is suspected that this is a result of a change in the strain-hardening rate.
The most important parameter for the strength of martensite is the carbon content. [57] Whereas the solute carbon exerts a continuous friction force for dislocation movement by tetragonal distortion in high carbon steel or Fe-Ni-C alloys that have low Ms temperatures, [46] the carbon atoms form the Cottrell atmosphere around dislocation by autotempering in high Ms temperature, low-carbon, low-alloy steel. [47] The presence of Cottrell atmospheres requires an additional stress to initiate the movement of dislocations, but once glide is initiated, the mechanism does not reoccur, as the mobility of the dislocations is higher than that of the carbon atoms. [58] Schoeck and Seeger [59] suggested that during the movement of dislocations after yielding, ordering of solute interstitials in the stress field of dislocation occurs. The dislocations are thereby locked during times that are too short to allow the formation of Cottrell atmospheres, but the mobile carbon atoms can act as static obstacles for moving dislocations and contribute to the strain hardening in a similar manner as dispersed second-phase particles.
An additional microstructural feature influencing the strain hardening of martensite is the high dislocation density, in particular, the high density of preexisting kinks on screw dislocations and nonscrew-type dislocations prior to deformation. During tempering, these segments can be removed easily by static recovery. In the presence of an applied external stress, however, the slip direction in individual martensite lath is selected among the four h1 1 1i type directions. [49] In bcc crystals, any plane that contains one of these slip directions can act as slip plane, and hence, the plane where the resolved shear stress has the maximum value will act as an active slip plane. In case their Burgers vector lies on active slip plane, the kinks and nonscrew dislocation can be removed easily at a relatively low stress level, giving rise to microstrain. When the Burgers vector of a dislocation does not lie on an active slip plane, this nonscrew dislocation segment is a sessile jog. Because the jogs on screw dislocation can move only by climb, the presence of these segments limits their movement strongly and increases the likelihood for the formation of new junctions by dislocation interaction. As the material is strained, dislocation interactions are more facilitated, which leads to a decrease of the free dislocation length and, hence, an increases of flow stress. [60] The high strain-hardening rate for the asquenched and LTT martensite can therefore be attributed mainly to the combination of solute carbon ordering in the dislocation stress field and the strong interaction between dislocations resulting from the presence of preexisting kinks and nonscrew segments on screw dislocation in microstructure prior to deformation.
In contrast to the as-quenched and LTT specimens, the microstructures in the GI and GA conditions are characterized by arrays of straight screw dislocations, and specific regions with either fine or coarse carbides precipitated on dislocations and on lath boundaries. The formation of carbides on dislocation results in a reduction of solute carbon atoms around the dislocation, limiting the effect of solute carbon ordering on the strain hardening. Furthermore, in the absence of preexisting kinks and nonscrew dislocations, straight screw dislocation can avoid the interaction with noncoherent carbides by cross slip, [61] once they are unpinned from the carbides and after their core configuration becomes glissile. The low strain-hardening rate of specimens in the GI condition, therefore, results from a low probability for dislocation-dislocation and dislocation-carbide interactions because of the easy cross slip of straight screw dislocations. The additional decrease in the strainhardening rate in the GA condition can be attributed to the coarsening of the carbides and the corresponding increase in precipitation spacing.
In addition to the carbon content, dislocation density, and carbide precipitates, the fine substructure of lath martensite plays an essential role in determining the strength. Because both block and packet boundaries are high-angle boundaries, these boundaries act as effective obstacles to dislocation movement in quenched martensite. [18, 62] It has, however, been reported previously that the strengthening effect of high-angle boundaries is reduced drastically by tempering. Some reported characteristic features of the effect of substructure size on strengthening before and after tempering are as follows:
1. In the as-quenched state The packet size dependence of flow stress has a HallPetch type dependence. The proportionality constant, k parameter, is much higher for Fe-C martensites than for Fe-Mn martensites. [60] By comparing the matrix nanohardness to macroscopic Vickers hardness, Ohmura et al. [63, 64] calculated the contribution of block boundary to the macroscopic hardness. They reported a significantly large boundary effect in Fe-C martensite. In the case of ferrite, the k value is high when carbon is present in the boundaries. [65] This finding suggests that grain boundaries act as sources of dislocations.
After tempering
The k parameter in Hall-Petch relationship is usually reduced by tempering, [60] indicating that the packet size effect on the strength disappears after tempering, even though no significant change in high-angle boundaries occurs. Nanohardness studies also revealed that the block size effect was reduced by tempering at above 673 K (400°C) for 5400 seconds, [64] although the blocks themselves were still present.
Both cases illustrate the pronounced reduction of the grain boundary strengthening resulting from tempering. This effect is not caused by a change in the structure of the high-angle boundaries. Swarr and Krauss [60] attributed this phenomenon to the presence of coarse carbides at packet boundaries, which facilitate the generation and movement of geometrically necessary dislocations. Ohmura and Tsuzaki [64] argued that this phenomenon was caused by the disappearance of filmtype cementite on block boundaries after tempering above 673 K (400°C). Both authors agreed that the presence of discrete carbide particles on the boundaries results in the reduction of the grain boundary strengthening. It is not excluded that, in addition to the effects caused by the precipitation and spherodization of carbides, the reduction of solute carbon concentration at boundaries could also contribute to the reduction of the grain boundary strength. Takaki et al. [65] showed that the Hall-Petch k-value of ferrite showed a pronounced dependence on the solute carbon content. They argued that if one accepts that grain boundaries rather than grain interiors act as sources for slip-propagating dislocations, then this experimental observation suggests that solute carbon grain boundary segregation strengthens grain boundaries. A higher stress will need to be applied before grain boundaries can act as glide dislocation sources when solute carbon is segregated to boundaries. Tempering, being a process that reduces the amount of solute carbon segregated to grain boundaries, will result in the apparent reduction of a strengthening effect caused by the block and packet boundaries.
V. CONCLUSIONS
In this contribution (part 1), the cause of the degradation of the properties of a low-carbon martensitic steel during processing in a conventional HDG line were analyzed in detail. The short thermal treatments related to the hot-dip galvanizing and galvannealing process needed to obtain a Zn or Zn-alloy coated martensitic steel were found to degrade the mechanical properties significantly. The main results of present work can be summarized as follows:
1. Considerable tempering of martensite occurs during the GI and GA process. This short-time tempering process changes the tensile deformation behavior drastically. The elastic limit is increased significantly and the steel deforms by propagation of localized deformation bands. In addition, the strain-hardening rate is decreased considerably. 2. The as-quenched microstructure is characterized by blocks and sub-blocks consisting of laths with a high dislocation density. Retained austenite is present as thin interlath films. Dislocations in the as-quenched state are wavy, and IF experiments confirm the abundant presence of kinks and nonscrewtype dislocations, although straight screw dislocations dominate in the interior lath microstructure. 3. During the GI and GA processes, carbides precipitate at lath boundaries and along dislocations lines. The size of carbide affects strongly the local dislocation configuration. In regions where fine irregular carbides are present, the dislocations retain their wavy configuration, and the dislocations are pinned by the carbide particles. In other regions, the coarsening of the carbides allows the movement of preexisting kink and nonscrew dislocation, resulting in the formation of arrays of straight screw dislocation and a decrease of the total dislocation density. 4. The occurrence of yield phenomena after the tempering caused by the GI and GA processes is attributed to the localized stress concentration and sudden increase of dislocation mobility. Because of the heterogeneity of the microstructure, the critical stress required to unpin the screw dislocations may be related to the stress required to unpin the dislocation from the fine carbide particles or the stress needed to initiate the sessile-to-glissile transition of screw dislocation. 5. The high strain-hardening rate of the as-quenched specimen is attributed to the combined effect of the continuous ordering of solute carbon by the moving dislocation and the strong interaction between dislocations by virtue of the presence of jogs and sessile nonscrew dislocation on the active slip plane. A reduction of the strain-hardening rate after the tempering process can be explained by the absence of solute carbon and by the easy cross slip of screw dislocations, which results in a weak interaction between dislocations and carbides or forest dislocation. 6. The mechanical properties of HDG-compatible martensitic grades should be characterized by the decreased strength without enhancement of elongation and the mechanical instability at an early stage of plastic deformation. The ultimate tensile strengths of the specimens after the GI and GA cycle simulation ranged from 1.1 to 1.2 GPa, but it would be preferred for car manufacturers to use dual-phase (DP) or complex-phase (CP) steels, which provide a similar strength level with better formability. The alternative concept for retaining the ultrahigh strength after conventional HDG process will be put forward in the companion contribution (part 2).
